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Abstract 

In thin amorphous carbon (a-C) films being in contact with a thin nickel layer, metal-induced 

crystallization and layer exchange (LE) occur at temperatures lower than 700 °C. Analysis of 

thin film stacks with different architectures (a-C/Ni, Ni/a-C and Ni/a-C/Ni) by means of ion 

beam analysis, Raman spectroscopy, X-ray diffraction and transmission electron microscopy 

revealed that the degree of LE and the structural quality of the crystallized carbon layers de-

pend on the initial layer sequence. A LE degree of approx. 93 % was found for a-C/Ni bi-

layers, where graphenic layers formed on the Ni surface, whereas in Ni/a-C bilayers only 83 % 

of carbon was transferred from the surface towards the fused silica substrate. The diffusion of 

carbon in the outward direction produces turbostratic carbon with basal planes oriented paral-

lel to the Ni surface, while for the inward direction planar and curved turbostratic structures 

coexist. The crystallization and the LE are driven by the crystallization energy of a-C. The LE 

is mediated by the wetting of the Ni grain boundaries by carbon. The directionality of the LE 

was explained primarily by the difference in the surface and interface energies in the a-C/Ni 

and Ni/a-C stacks that were obtained from thermodynamic considerations. 

——— 
* Corresponding author. Tel.: +493512603578; e-mail: matthias.krause@hzdr.de 
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1. Introduction 

A complete transformation of amorphous carbon (a-C) into graphite requires tempera-

tures of approximately 3000 °C and proceeds via various intermediate states of graphenic  car-

bon that form between 1000 and 3000 °C.1-5 These temperatures restrict the usable substrate 

materials for thermally-induced crystallization of a-C thin films immensely. However, bringing 

the a-C layers in contact with suitable catalysts lowers the crystallization temperature signifi-

cantly. The underlying reaction type was termed catalytic graphitization.3,6 It can proceed via 

the mechanisms of carbon dissolution-precipitation7-9, metal-mediated or metal-induced crys-

tallization (MMC and MIC)10,11 and metal-enhanced surface diffusion12,13. Carbon crystalliza-

tion based on dissolution-precipitation occurs on both sides of a catalyst thin film. In the case 

of enhanced diffusion, the carbon crystallizes at the carbon source exposed surface. In the MIC 

process, the carbon crystallization can be accompanied by an exchange of the metal and carbon 

layers. The dominant mechanism depends strongly on the nature of the metal catalyst, applied 

temperature, amount of catalyst and carbon, and on the use of diffusion barriers14. Hence, the 

identification and explanation of the dominant mechanisms of both processes require depth-

resolved information about the chemical composition and the detailed structure analysis of the 

layers.  

First experiments on MIC of a-C were carried out by Sinclair and Konno with carbon-cobalt 

thin films.10 Many further studies were done on nickel-carbon thin film layer stacks, because 

nickel is one of the most powerful catalysts for carbon crystallization6,15 due to the small mis-

match (≈ 1 %) between (111)-oriented Ni lattice planes and basal planes of graphite, favoura-

ble pπ-dπ-interaction, thermodynamic instability of Ni carbides16 and a low solubility of carbon 

in nickel17. Using differential scanning calorimetry, Sinclair et al. found a temperature of 

540 °C for the crystallization of a-C in a-C/Ni/a-C trilayers.18 This value for the crystallization 

temperature was recently confirmed by other groups14,19-21. In order to improve the structural 

order of the obtained graphene layers, diffusion barriers of Al2O3 or SiO2 were deposited be-

tween the Ni and a-C layers14,19. In an in situ X-ray study, a crystallization temperature be-

tween 640 °C and 730 °C was reported, which is significantly higher than in the majority of 
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studies.22 These studies on MIC of a-C in a-C/Ni thin film stacks focussed mainly on the syn-

thesis of high-quality few-layer graphene by a competing method to CVD and on the increase 

of the lateral crystallite size of the crystallized carbon (c-C). They address either the outward 

or the inward crystallization. 

So far, no study exists on the directionality of the MIC accompanied by a layer exchange 

(LE) process in a-C/metal thin film stacks. A comparative, quantitative investigation of the LE 

degree as a function of the initial stacking order and a corresponding systematic microstructure 

characterization of the stacks before and after LE and MIC are lacking. Still, these tasks are 

crucial for understanding the underlying mechanisms and driving forces, and consequently for 

application of these mechanisms for the production of thin graphenic slabs with controlled 

microstructure. As a first step in this direction, the degree of LE has recently been introduced 

in order to quantify the degree of LE for Ni/a-C thin film stacks.23 

In the current paper, the directionality of MIC with LE in a-C/Ni thin film stacks is studied 

by quantitative elemental depth profiling and microstructure analysis. The directionality of LE 

is substantiated by applying thermodynamic estimations for the energetic contributions to the 

overall free energy of the outward and inward direction of carbon crystallization. The struc-

tures after the layer exchange are termed turbostratic carbon, their basal planes are termed gra-

phenic planes and the transformation process of amorphous into turbostratic carbon is termed 

(metal-induced) crystallization.24 

2. Experimental methods 

2.1. Film growth and annealing 

For this study, a-C/Ni and Ni/a-C bilayer stacks and a Ni/a-C/Ni trilayer stack were deposit-

ed at room temperature (RT) on fused silica (SiO2) substrates by high power impulse magne-

tron sputtering (HiPIMS).25 The Ni and C targets with the purity of 99.99 % and 99.95 % were 

mounted in a bottom-up dual-beam geometry and operated at magnetron powers of 200 W and 

300 W, respectively. In order to exclude cross-contamination, the inactive target was covered 

by a shutter. Sequential deposition without breaking the vacuum prevented the oxidation of the 
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Ni/a-C interface. The Ni and C layers were deposited with thicknesses of 40 ± 10 nm.a For 

TEM imaging, the bilayer stacks were deposited on thermally oxidized, (100)-oriented Si wa-

fers. 

The stack notations throughout this work refer to the initial state. Ni/a-C is used for Ni de-

posited on a-C for the LE in the outward direction, where the carbon atoms diffuse towards the 

sample surface. a-C/Ni denotes a-C deposited on Ni for the LE in the inward direction. In this 

case, the carbon atoms diffuse towards the substrate. 

The MIC was activated by annealing the samples in high vacuum (10-7 – 10-5 Pa). The 

samples were heated from the substrate side. The heating rate was set to 6 K min-1 between RT 

and 100 °C and to 30 K min-1 in the range 100 – 700 °C. After a dwell time of 1 hour at 

700 °C, the samples were cooled to RT with a rate of 30 K min-1. 

2.2. Characterization 

The depth-resolved chemical composition of the samples was determined using Rutherford 

backscattering spectrometry (RBS) and elastic recoil detection analysis (ERDA), both before 

and after annealing. The ion beam analysis was performed employing the 6 MV tandem accel-

erator of the Ion Beam Center at HZDR26. For RBS, 2 MeV He+ ions were focused on a 

1 × 1 mm2 beam spot on the sample surface. The backscattered ions were detected using a sili-

con surface-barrier detector covered by a 100 nm Al layer under a scattering angle of 165°27. 

SIMNRA software28 was employed to obtain the layer composition, areal density and interface 

roughness. ERDA was applied as a complementary technique to achieve a higher accuracy and 

lower detection limit for carbon and oxygen. For the recoil ejection, 43 MeV Cl7+ ions were 

used. The Cl ions were focused on a 1 × 1 mm2 beam spot and detected under a scattering an-

gle of 31° by means of a Bragg ionisation chamber that uses a full energy detection circuit for 

the ion energies and a fast timing circuit to obtain a Z-dependent signal to separate the indi-

vidual ions. The spectra of the recoiled species and the scattered Cl ions were fitted simultane-

ously using the program NDF v9.3gi29, which reveals finally the concentration depth profiles. 

——— 
a Additional investigations were performed on layers with the thickness between 10 and 
100 nm, thus the presented results are valid in this broader range. 
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The carbon layers were characterized using micro-Raman spectroscopy and transmission 

electron microscopy with high resolution (HRTEM). The experimental setup used for the mi-

cro-Raman measurements comprised a fibre-coupled diode-pumped solid-state laser emitting a 

primary beam with the wavelength of 532 nm and a Horiba iHR 550 spectrograph. The laser 

power on the sample was 1 mW, and the laser spot diameter was 5 µm. The Raman scattered 

light was dispersed by a holographic 1800 mm-1 grating and detected by a liquid nitrogen 

cooled, back-illuminated deep-depleted Si CCD array.27 The Raman spectra were fitted as 

described by Wenisch et al.13 The denomination of the spectral lines corresponds to the no-

menclature suggested by Ferrari at al.30 The cross-sectional TEM investigations were per-

formed using an image Cs corrected Titan 80 - 300 microscope (FEI) operated at an accelerat-

ing voltage of 300 kV. TEM specimens were prepared using a “classical” procedure including 

sawing (Wire Saw WS 22, IBS GmbH), grinding (MetaServ 250, Bühler), polishing (Minimet 

1000, Bühler), dimpling (Dimple Grinder 656, Gatan), and final Ar+ ion milling (Precision Ion 

Polishing System PIPS 691, Gatan).31 

The residual stresses, stress-free lattice parameters and crystallite sizes in the Ni layers were 

deduced from the X-ray diffraction measurements that were performed in glancing-angle dif-

fraction geometry (GAXRD) on an Empyrean diffractometer (PANalytical). The diffractome-

ter was equipped with a copper anode (λCu-Kα), parabolic Goebel mirror producing parallel 

primary X-ray beam and parallel plate collimator having the opening of 0.27°. The angle of 

incidence of the primary beam was set to 1° in order to reduce the penetration depth of the X-

rays into the volume of the sample. The XRD patterns were measured in the range of 10 –

 100° 2θ in steps of 0.05°. 

3. Results 

3.1. Proof of the layer exchange 

Figure 1 displays the RBS spectra of both bilayer stacks in the as-deposited state and after 

annealing. The spectra before annealing (blue lines) show symmetric Ni and C peaks. In order 

to determine the concentrations of the species, RBS spectra (Fig. 1) were fitted using a multi-
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layer sample model.28 The simulations revealed the areal densities of Ni and C of 590×1015 

and 690×1015 at. cm-2 (480×1015 and 690×1015 at. cm-2) for the initial Ni/a-C (a-C/Ni) stack. 

Before annealing, the Ni and C layers consisted of single elements, apart from a small amount 

of Ar (< 5×1015 at. cm-2) incorporated into both layer stacks during the deposition.  

In the annealed Ni/a-C layer stack, the centre of gravity of the Ni signal had shifted from 

ERBS ≈ 1520 keV to lower backscattering energies (ERBS ≈ 1480 keV), cf. Fig. 1a. In contrast, 

the C signal, whose centre was initially located at ERBS ≈ 470 keV, shifted to higher backscat-

tering energies (ERBS ≈ 520 keV). Thus, after annealing an inverse stacking order of Ni and C 

was found. For the a-C/Ni layer stack, the RBS peaks shifted by approximately the same ener-

gy difference but in the inverted directions (see Fig 1b). In both annealed stacks, the Ar signal 

is broader than in the as-deposited ones, and is nearly indistinguishable from the background 

noise. In the SIMNRA simulation28 of the annealed stacks, the a-C/Ni (Ni/a-C) layers were 

described as Ni and C triple-layer structure with minor fractions of the respective other ele-

ment. 

Although both layer stacks (a-C/Ni and Ni/a-C) experienced the same thermal treatment, the 

layer exchange shows a distinct directionality that becomes evident from the comparison of 

the Ni peak shapes. While the Ni peak remains symmetric after the outward LE, it becomes 

clearly asymmetric after the inward LE. A low-energetic shoulder, which corresponds to the 

Ni areal density of approx. 75×1015 at. cm-2, is found at the original position of the Ni peak 

(Fig. 1b). This means that a minor fraction of Ni did not undergo the layer exchange, but is 

still located at the substrate like in the initial sample. The LE directionality is also revealed by 

the C signals. In contrast to the outward LE direction, where solely the shift of the C peak was 

observed, the C peak shift observed after inward LE is accompanied by peak broadening and 

by the drop of the peak amplitude. These effects indicate that in the annealed a-C/Ni stack a 

minor fraction of C atoms might be located inside the Ni layer. 
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Figure 1: RBS spectra of the as-deposited and annealed Ni/a-C (a) and a-C/Ni (b) layer 

stacks. Solid lines represent SIMNRA27 simulations. The insets show the magnified carbon 

signal. The difference between the measured and simulated intensities at low energies (< 

400 keV) is caused by multiple scattering, which is not reproduced correctly in the simula-

tion.  
 

The substrate elements Si and O give rise to broad plateaus, whose edges are found at the 

same position for both stacking orders and for both LE directions. This indicates that incoming 

He+ ions experienced the same degree of stopping within both layer stacks, which means that 

the total areal densities of C and Ni should be conserved. This was confirmed by the compari-

son of the layer areal densities of the annealed samples obtained from the SIMNRA simulation 

of the RBS data. In the triple-layer model after annealing of the Ni/a-C stack, the areal densi-

ties of Ni and C are dNi, out = 72×1015 + 517×1015 = 589×1015 at. cm-2 and dC,out = 590×1015 + 

102×1015 = 692×1015 at. cm-2, respectively. In the triple-layer model after annealing of the a-

C/Ni stack, the areal densities of Ni and C are dNi, in = 431×1015 + 45×1015 = 476×1015 at. cm-2 
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and dC, in = 43×1015 + 640×1015 = 683×1015 at. cm-2, respectively. The total areal densities for 

both samples after annealing are in full agreement with those of the as-deposited samples 

within the experimental accuracy. 

Additional information about the distribution of the elements was obtained from the elastic 

recoil detection analysis. In contrast to RBS, ERDA allows a more precise determination of 

the carbon concentration because of its higher sensitivity and lower detection limit for light 

elements. This is illustrated in particular by the rectangular shape of the concentration profiles 

of nickel and by the steep gradient of the carbon concentration in as-deposited samples (Figs. 

2a and 2c).  

The concentration profiles of Ni and C in the annealed Ni/a-C layer stack have almost the 

same form (Fig. 2b) like in the as-deposited sample, which confirms a complete LE that was 

already suggested by the RBS analysis. In the annealed a-C/Ni stack, the positions of the Ni 

and C depth profile maxima are also inverted, as expected for LE. However, in contrast to the 

LE in the outward direction, the profiles are broadened, which might be an indicator of the 

intermixing of elements. 
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Figure 2: ERD depth profiles of the as-deposited and annealed Ni/a-C (a, b) and a-C/Ni (c, 

d) layer stacks. The points represent the measured data; solid lines are a guide for the eye. 

Near the Ni layer, the depth profiles for the lighter elements seem to increase rapidly and to 

have a concentration higher than 100 %. This artefact is caused by a drastic change in the 

stopping force between the metal and the C layers and by the limited detector resolution. 

The profiles seem to extend above the surface and Ni profiles have long tails towards the 

substrate. These effects are caused by limited detector resolution, multiple scattering, strag-

gling effects and thickness variation.  

The layer exchange in both stacks was confirmed by TEM (Fig. 3). Furthermore, the TEM 

micrographs revealed that the incomplete LE in the a-C/Ni stack is accompanied by an in-

crease of the interface roughness (Fig. 3d). One can clearly see that the Ni/c-C interface is 

much rougher for the inward LE (Fig. 3d) than for LE in the outward direction (Fig. 3b). 

Moreover, few Ni crystallites still stuck at the substrate (Fig. 3d). This interface roughness was 

recognized by ERDA as a wide transition zone in the depth between 200×1015 and 

400×1015 at. cm-² (Fig. 2d). After implementing this roughness into the model for the simula-

tion of the RBS spectra significantly better agreement between experimental data and model 

was achieved. 

 



  
 

10

 

 

3.2. Degree of the layer exchange 

In order to quantify the LE, a degree of layer exchange αLE was calculated for both stacking 

sequences from RBS and elastic recoil detection (ERD) data. The LE degree has recently been 

introduced as the relative amount of C or Ni atoms that diffused through the adjacent Ni or C 

layer23. It is a measure of the LE completeness and calculated from the ratio between the 

amounts of exchanged and remaining species in the respective layer. The values of αLE are 

summarized in Table 1. 

For the calculation of αLE from the RBS data, the spectra (Fig. 1) were fitted with a multi-

layer sample model.28 Before annealing, the individual layers were simulated by single ele-

ments (Ni and C), and a small amount of Ar (see section 3.1). After annealing, the elemental 

profiles were composed of the exchanged elements with a residual amount of the original spe-

cies, in order to be able to reproduce the asymmetric profiles in Fig. 1b. The percentage of the 

Figure 3: TEM micrographs of the Ni/a-C and a-C/Ni bilayer stacks before (a, c) and after (b, 

d) the annealing. Because of their low image contrast, the C/SiO2 interfaces are highlighted 

by dashed lines.  
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exchanged elements has been used to calculate αLE. The good agreement of the integrated in-

tensity of the RBS peaks measured before and after annealing has confirmed the mass conser-

vation. 
 

 

  method ����  ����� 

outward LE 
RBS 91 ± 5 % 98 ± 2 % 

ERDA 95 ± 2 % 98 ± 2 % 

inward LE 
RBS 80 ± 10 % 76 ± 7 % 

ERDA 86 ± 5 % 88 ± 5 % 

 

Concurrently, the αLE was determined from the concentration depth profiles, which were ob-

tained from the fitting of the ERD spectra using the code developed by Barradas et al.29 For 

the calculation of αLE from ERDA, concentration values displayed in Fig. 2 were integrated 

over the depth. The layer thicknesses obtained from the RBS multi-layer model and given in 

 at. cm-² (Section 3.1) were used as integration limits. 

The differences in αLE (Table 1) clearly illustrate the dependence of the LE degree on the 

sequence of the Ni and C layers in the Ni/a-C and a-C/Ni stacks. The LE directionality was 

additionally proven by an annealing experiment that was carried out on a triple-layer stack 

(Ni/a-C/Ni) under the same conditions as for the bilayers. Before annealing, the depth profiles 

of the Ni concentration measured using ERDA were almost rectangular with a small interface 

roughness (Fig. 4a), as expected for sequentially deposited Ni and a-C layers. After annealing, 

a major part of carbon had moved towards the sample surface, while only a minor part of car-

bon diffused towards the substrate (Fig. 4b). Like in the a-C/Ni layer stack (Figs. 1b, 2d and 

3d), a certain fraction of Ni does not participate in the layer exchange and adheres to the sub-

strate during annealing (see supplementary information for RBS depth profiles of the triple 

Table 1: Layer exchange degree αLE based on C and Ni in a-C and Ni bilayer stacks as de-

termined by RBS and ERDA. 



  
 

12

layer stack). 

 

 

 

 

3.3. Nickel-induced crystallization of carbon 

Raman spectra of the as-deposited carbon layers (Figs. 5a and 5d) exhibit a broad band 

comprising a shoulder at 1350 cm-1 and a peak at ≈ 1535 cm-1. These features represent the D 

and G line of small sp2-C ring clusters in both initial a-C films.32,33 The ID/IG ratios of both 

initial stacks, a-C/Ni and Ni/a-C, are estimated to be ≈ 0.5. This indicates identical amorphous 

carbon structures as precursors of the layer exchange (Figs. 5a and 5d).32,33 

Figure 4: ERD depth profiles of the as-deposited (a) and annealed (b) Ni/a-C/Ni triple layer. 

The points represent the measured data; solid lines are a guide for the eye. 
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In the annealed samples, Raman spectroscopy was mainly used as a proof of the carbon 

crystallization. The positions and widths of the Raman lines are summarized in Table 2. The D 

and G lines became narrower and shifted towards wave numbers typical for graphenic carbon. 

The most important structure indicator is the presence of the characteristic 2D line in the spec-

tra of both layer stacks after annealing (Figs. 5b and 5e). In both stacks, the 2D line showed no 

 

 

Figure 5: Raman spectra of the Ni/a-C and a-C/Ni bilayer stacks before and after annealing 

measured from the top and through the transparent SiO2 substrate (i.e., from the backside of 

the stack). a) As-deposited Ni/a-C measured through the substrate, b) annealed Ni/a-C meas-

ured from the top, c) annealed Ni/a-C measured through the substrate. d) as-deposited a-C/Ni 

measured from the top, e) annealed a-C/Ni measured through the substrate, f) annealed a-

C/Ni measured from the top. The green arrows in the stack drawings indicate the propagation 

direction of the exciting laser radiation. The asterisk in image f) marks the ambient oxygen 

signal. 
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side peaks or shoulders and was fitted using a single Lorentzian function. The single, non-split 

2D line points to graphenic structures without ordering of the basal planes in the c direction, 

i.e., monolayer graphene or turbostratic carbon34-41 (cf. Table 2). The glassy carbon reference 

material, SIGRADUR® G, is a commercial form of turbostratic carbon heated to above 

2200°C during preparation. From the three reference structures (Table 2), monolayer graphene 

is excluded by the carbon layer thickness. The Raman spectra of the annealed samples suggest 

that the crystallized carbon resembles turbostratic carbon in both bilayer stacks. I.e., the initial 

Ni/a-C stack has transformed into c-C/Ni, and the initial a-C/Ni into Ni/c-C, where c-C repre-

sents turbostratic carbon.  

 

Table 2: Raman fit parameters for the Ni/a-C and a-C/Ni bilayer samples after LE in compari-

son to those of representative reference materials. The glassy carbon was delivered by HTW 

Germany (n.a.: not available). 
 

 D line (cm-1) G line (cm-1) 2D line (cm-1) ID/IG I2D/ID 

 position FWHM position FWHM position FWHM   

outward LE 1350 63.6 1578 42.7 2692 80.0 0.27 2.4 

inward LE 1352 73.5 1581 46.4 2698 85.7 0.34 1.3 

turbostratic  

carbon40 
1344 30.3 1582 19.2 2707 42 0.21 n.a. 

glassy car-

bon 
1346 52.6 1585 40.6 2692 72.5 

2.21 
1.5 

graphene on 

quartz42 
- - 1582 16 2675 29 - - 

 

Still, the presence of the 2D line in the Raman spectra of annealed samples indicates the 

formation of in-plane long-range ordered graphenic planes35,43 (Fig. 5). The mean lateral crys-

tallite size of the graphenic domains (La) was estimated from the ID/IG ratio by applying the 

Tuinstra-König relation41,44,45 to be approximately 16 nm and 13 nm for the outward and in-
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ward LE direction, respectively. Since this relationship is based on the correlation with X-ray 

data, these values reflect the crystallite size of defect-free graphenic areas. For the outwards 

LE direction, the area of these domains is approx. 1.6-times larger than for the inwards LE 

direction. A higher structural in-plane ordering of the graphenic domains after the LE in the 

outwards direction is furthermore reflected by the higher I2D/ID ratio and the narrower line 

widths (Table 2). 

X-ray diffraction revealed that the interplanar spacing of the graphenic planes of the ob-

tained turbostratic carbon, d002 = (0.3403 ± 0.0002) nm, is 1.4 % larger than the distance of the 

basal planes in 2H graphite, i.e., d002 = 0.3356 nm46. From the broadening of the diffraction 

line 002, the coherent size of the turbostratic carbon in the c direction (Lc) was estimated using 

the Scherrer equation47 to be about 10 nm for both layer exchange directions. The observed 

values agree with those reviewed for turbostratic carbon, d002 = 0.338 - 0.342 nm and Lc = 6  - 

20 nm.3 A further consequence of the carbon crystallization was the increase of the total sam-

ple thickness that was observed by HRTEM for both LE directions (Fig. 3). 

In agreement with the results of Raman spectroscopy, TEM detected planar graphenic 

planes parallel to the Ni surface throughout the layer after outward LE and the superposition of 

parallel planar and curved planes after inward LE (Fig. 6 b, d). The latter finding can be at-

tributed to the restructuring of the Ni layer during the LE and might be an indication of three-

dimensional growth of c-C at the interface close to the substrate. 

For verification of the LE completeness and/or for the detection of non-exchanged carbon, 

Raman measurements were also carried out on the Ni side of the annealed samples. In the an-

nealed Ni/a-C stack, no carbon signal was detected at the interface between the substrate and 

the Ni layer (Fig. 5c), which confirms the complete LE in the outward direction that was con-

cluded from the RBS and ERDA (Table 1). In contrast to that, a small fraction of disordered 

carbon persisted at the sample surface during the layer exchange in the inward direction (a-

C/Ni stack, Fig. 5f). In this context, it is worth noting that Raman spectroscopy is capable of 

detecting a-C carbon layers having a thickness of 1 nm or less48. The incomplete LE in the 

inward direction was already indicated by a low αLE (Table 1). The weak Raman spectrum at 

the sample surface of a-C/Ni after annealing (Fig. 5f) shows six-fold sp2-C ring cluster without 
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Figure 6: TEM micrographs of the Ni/a-C (a) and a-C/Ni (b) layer stacks after annealing. They 

demonstrate the microstructure of the crystallized carbon (c-C) and the morphology of the c-

C/Ni and Ni/c-C interfaces. The dashed line in figure (b) mark the c-C/SiO2 interface, which is 

hardly visible due to a low image contrast. Figure (c) shows parallel graphenic planes formed 

across the Ni GB after outward LE. Here, Ar-filled pillow-shaped features occurred after la-

mella preparation. Figure (d) shows the coexistence of planar and curved graphenic planes 

after inward LE.  

long-range ordered graphenic planes.13 This type of spectrum is typical for thermally annealed, 

non-crystallized amorphous carbon. 

3.4. Microstructure changes in the nickel layers 

X-ray diffraction confirmed the crystallinity of the Ni layers both in the as-deposited and 

annealed state. The size of Ni crystallites in the bilayer stacks under study was determined 

from XRD line broadening using the modified Williamson-Hall analysis49 to be 
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(10.5 ± 2.0) nm and (23.5 ± 1.6) nm before and after annealing, respectively. The increase of 

the crystallite size was independent of the LE direction. The Williamson-Hall analysis has 

shown the absence of microstrain for all samples. 

The analysis of the lattice parameters calculated from the positions of individual diffraction 

lines of Ni revealed that the as-deposited stacks are almost free of residual stress, while the 

annealed stacks show a tensile residual stress (Fig. 7, Tab. 3). Furthermore, the dependence of 

the measured lattice parameters of Ni on the diffraction indices, caused by the crystal anisot-

ropy of the elastic constants, was overlaid by another hkl-dependence that originated from the 

presence of the stacking faults (SFs) on the {111} lattice planes of Ni.50 In order to account 

simultaneously for presence of SFs and for crystallographic anisotropy of the elastic constants, 

the measured lattice parameters (�	
��) were fitted by the function 51,50,52,53 

�����
�� (�) = �� ���
��(�) − ���
√3
4� �
�� + 1	!.							(1) 

 

Figure 7: Dependence of the measured and SF-corrected lattice parameters on the function f(ψ) 

for the Ni/a-C stack before and after annealing.  
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Refinable parameters in Eq. (1) are the stress-free lattice parameter (��), the residual stress 

(�) and the stacking fault probability (���). The function 

�
��(�) = #
$%$
�� sin$ � + 2%#
��															(2) 

describes the effect of the residual stress on the measured lattice parameters in elastically ani-

sotropic materials. � is the angle between the sample surface normal and the diffraction vec-

tor. The X-ray elastic constants *
+%$
�� and 2%#
�� were calculated from the single-crystal elastic 

constants of nickel, S11 = 7.5 × 10-12 Pa-1, S12 = -2.86 × 10-12 Pa-1 and S44 = 8.16 × 10-12 Pa-1, 

using the Reuss approach.54,55 The values of *+%$
�� are 4.08 TPa-1, 10.4 TPa-1, 5.65 TPa-1, 

7.40 TPa-1 and 4.08 TPa-1 for the diffraction lines 111, 200, 220, 311 and 222, respectively. 

The values of 2%#
�� are -1.53 TPa-1, -5.72 TPa-1, -2.58 TPa-1, -3.74 TPa-1 and -1.53 TPa-1 for 

the same sequence of diffraction lines. The function 

�
�� = ∑ -.
��(ℎ + . + 0)1
��2
��(ℎ$ + .$ + 0$) 																						(3) 

describes the ‘contrast factor’ of the {111} stacking faults  in fcc materials50. The factor .
�� 
in Eq. (3) is equal to +1 for (ℎ + . + 0)	mod	3 = 1 and to −1 for (ℎ + . + 0)	mod	3 = 2. For 

(ℎ + . + 0)	mod	3 = 0, .
�� = 0.53,49 2
�� is the multiplicity of the lattice planes {hkl}. For 

the diffraction lines 111, 200, 220, 311 and 222, the contrast factors of stacking faults (�
��) 
are equal to 1/4, -1/2, 1/4, 1/11 and -1/8, respectively. 

 

Table 3: Residual stress σ and the stress-free lattice parameter a0 in Ni before and after anneal-

ing for both stacking sequences. 
 

 σ (GPa) 
a0 (nm) 

 outward LE inward LE 

as-deposited -0.0 ± 0.1 0.2 ± 0.1 0.3521 ± 1×10-4 

annealed 1.7 ± 0.2 1.4 ± 0.2 0.3521 ± 2×10-4 
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The stress-free lattice parameter of Ni remained unchanged after annealing (Tab. 3). It was 

not altered by the LE, although a small amount of C atoms (approx. 0.5 % C) may be dis-

solved in Ni at 700 °C17. The incorporation of 0.5 % of C on interstitial positions would in-

crease the lattice parameter by about 0.085 % 56, which was not observed experimentally. 

Thus, the LE mechanism via C diffusion through the Ni layer can be excluded. However, the 

stress-free lattice parameter of Ni is slightly below the reference value of 0.3524 nm (ICDD 

PDF(2019) 00-004-0850), but it is in good agreement with the lattice parameters reported by 

Sheng et al.57 and Radic et al.58 for nanocrystalline Ni.  

The formation of SFs in as-deposited samples is apparently facilitated by the small thick-

ness of the Ni layers. The occurrence of SFs in fcc structures is frequently regarded as a first 

step towards a transition to a hexagonal close packed phase50,59. This approach is also applica-

ble for nickel. Its metastable hexagonal phase was observed in thin films by Hemenger & 

Weik60 and by Wright & Goddard61. The effect of the stacking faults on the measured lattice 

parameters is illustrated exemplarily in Fig. 7 for the Ni/a-C stack, where the presence of SFs 

leads to a violation of the linear dependence of the lattice parameters on �
��(�). The SF-

corrected lattice parameters �789ℎ.0 (�)(:;<<. ) were calculated using �789ℎ.0 (�)(:;<<. ) = �789ℎ.0 (�) +
�0�=>�ℎ.0 ?3 4�@  with the parameters a0 and �=> that were obtained from Eq. (1). The pres-

ence of SFs before and after the LE was observed also in stacks with the inverse order of car-

bon and nickel layers. The SF probability determined using Eq. (1) was about 1 % for all in-

vestigated samples. The relatively low annealing temperatures appears to be insufficient for SF 

annihilation, thus the relaxation of SFs upon annealing is suppressed. 

The flat �	
�� vs. �
��(�) dependence observed for the as-deposited Ni layer is typical for an 

almost stress free material. In contrast, the positive slope obtained for annealed layer stacks, 

i.e. after LE, (Fig. 7) indicates rather high tensile stress. A possible source of this stress are 

different thermal expansion coefficients of fcc-Ni (18.3×10-6 K-1)62 and nanocrystalline graph-

ite (0.9×10-6 K-1).63 Assuming a perfect cohesion of both layers and solely elastic deformation 

of both counterparts, the difference in the thermal expansion coefficients would lead to a total 

in-plane lattice deformation of approx. 1.2 % upon cooling from 700 °C to RT. The effective 

in-plane elastic lattice deformation in annealed Ni layers, which was calculated as the relative 
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difference between the extrapolated in-plane lattice parameter �∥ and the stress-free lattice 

parameter ��, 

B = �∥ − ���� 	,																													(4) 

was found to be in the range between 0.5 % and 0.7 % for all annealed layer stacks.  

3.5. Model of the layer exchange 

RBS, ERDA and Raman spectroscopy revealed that annealing to 700 °C results in the LE of 

carbon and nickel in a-C/Ni, Ni/a-C and Ni/a-C/Ni stacks, and that the layer exchange is ac-

companied by the metal-induced crystallization of amorphous carbon. Possible paths for the 

layer exchange are (i) volume diffusion of carbon through the nickel crystallites and (ii) car-

bon diffusion along GBs between the Ni crystallites. 

A negligible volume diffusion of carbon through Ni crystallites was implied by the conser-

vation of the Ni lattice parameter (Section 3.4). Noteworthy, LE via diffusion of C through Ni 

crystallites is less probable, because of a low solubility of carbon in nickel17 and a slow diffu-

sion in three dimensions as compared with a two-dimensional diffusion along GBs.64,65 More-

over, the activation energy of the bulk diffusion (1.62 eV) is substantially larger than the acti-

vation energy of the GB diffusion (0.77 eV).65 In case of a dissolution-precipitation mecha-

nism, the graphenic structures are expected to form on both sides of the catalyst layer. This is 

not in agreement with our observations. Therefore, GB diffusion is regarded as the dominant 

diffusion mechanism during the layer exchange. 

The GB diffusion of carbon is corroborated by a small lateral size of graphenic domains 

(16 nm and 13 nm for the outward and inward LE direction, respectively) that was obtained 

from the ratio of the D and G peaks in the Raman spectra (Section 3.3). The presence of GBs 

in the nanocrystalline Ni layer as well as the comparable lateral size size (~10nm) of Ni crys-

tallites and of the graphenic domains are visually confirmed in the TEM micrographs (Fig. 3, 

Fig. 6). The HRTEM micrographs (Fig. 6) evidenced formation of tiny fissures, which can 

serve as paths for enhanced carbon diffusion. The formation of such fissures is facilitated by 

the formation of tensile stresses in annealed samples (Section 3.4). 
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Based on the results of RBS, ERDA, Raman spectroscopy, XRD, TEM, and HRTEM, the 

following model of the Ni-induced crystallization of a-C with layer exchange can be formulat-

ed and is sketched in Figure 8. The LE takes place mainly via C diffusion along the Ni grain 

boundaries and is driven by the crystallization of a-C. According to the existing mechanistic 

concepts of MIC11, the covalent bonds between the C atoms are screened by the electron gas 

of the adjacent Ni grains up to a depth of two atomic layers. As a consequence of this Cou-

lomb screening, a thin layer of mobilized C atoms is formed.11 At sufficiently high tempera-

tures, the mobilized C atoms diffuse along the Ni GBs to the opposite Ni interface (between Ni 

and vacuum or substrate). The contribution of C diffusion through Ni crystallites to the layer 

exchange is negligible. The GB wetting is independent of the initial stacking sequence, be-

cause the interfaces involved in this elementary step are the same for both LE directions. 

 

 

RBS, ERDA, Raman spectroscopy and HRTEM experiments revealed that the degree of the 

LE (αLE) depends on the sequence of Ni and C layers in the original stack and that the rough-

ness of the Ni/c-C interfaces increases after LE. The increase of the interface roughness de-

pends on the sequence of the Ni and C layers in the original stack as well. A phenomenon ap-

pearing in the inward direction was a lateral heterogeneity of the Ni layer (Figs. 3d and 6d). 

Figure 8: Schematic picture of the initial and final states of the Ni/a-C (a) and a-C/Ni (b) 

stacks before (left) and after the LE (right), according to the proposed LE mechanism. Orange 

lines within the Ni layer indicate Ni GBs. 
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The structure of crystallized carbon was found to be different for different LE directions. 

For the outward LE, graphenic layers with a larger in-plane domain size and a strongly pre-

ferred orientation parallel to the Ni surface are formed. These conclusions were suggested by 

the results of Raman spectroscopy (Section 3.3) and confirmed by HRTEM (Figs. 6a and 6c). 

For the inward LE, carbon atoms have to diffuse into the Ni/SiO2 interface. The splitting of 

this interface requires additional energy, thus the two-dimensional growth is restricted in com-

parison with the crystallization occurring at the sample surface. A continuous supply of mobi-

lized C atoms through the GBs and the expansion of the turbostratic carbon layer in the con-

strained space between Ni and the substrate leads to the formation of folded or curved gra-

phenic planes (Fig. 6b, d) and to the increase of the roughness of the Ni/C interfaces (Fig. 3d). 

4. Discussion 

The mechanisms of the layer exchange and metal-induced crystallization of Ni/a-C and a-

C/Ni bilayers proposed in Section 3.5 can be substantiated by thermodynamic considerations 

and by comparing the surface and interface energies of the counterparts. The standard for-

mation enthalpy is always lower for crystallized carbon than for a-C. The difference in the 

standard formation enthalpies gives the reaction enthalpy of crystallization, which ranges be-

tween 20 and 100 kJ/mol, depending mainly on the initial state of the disordered carbon.3,18,66 

Consequently, the crystallization of a-C is a thermodynamically driven process, which be-

comes catalysed, if a-C gets in contact with Ni3,6,11. The phenomena needing more explanation 

are the LE, which accompanied the crystallization of a-C in all samples under study, and the 

dependence of the LE on the sequence of Ni and a-C in the bilayer stacks. 

Assuming that LE occurs via Ni-GB diffusion, the mobilized C atoms form two Ni/a-C in-

terfaces, which replace original GBs in Ni. Not every GB is available to serve as a diffusion 

path as the energy of a `double´ Ni/a-C interface (2 × D��/�F��GH  = 1.368 J/m²) is lower than the 

GB energy of Ni (D��IJ ≅	1.3 to 1.6 J/m²; in dependence of the GB inclination and geometrical 

factor used in the derivation of the grain boundary energies).67,68 The experimental results, 

however, indicate that the majority of the Ni GBs are involved in the LE process as diffusion 
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paths, since the size of c-C crystallites is small (13 – 16 nm) and in a reasonable agreement 

with the lateral crystallite size of nanocrystalline sputtered Ni thin films at room 

temperature.58,69 The wetting of Ni GBs by carbon (accompanied by diffusion along the GBs) 

lowers the total energy of the system70 and is independent of the LE direction. The surface and 

interface energies were calculated following the approach presented by Wang70 and Sommer71 

for the annealing temperature of 700 °C and are listed together with further interface and sur-

face energies in Table 4. Figure 9 displays the dependence of these energies on the tempera-

ture. 

During LE in outward direction, the LE is mediated by the energetically favourable wetting 

of the Ni GBs by carbon atoms and the Ni surface has to be replaced by two new interfaces: 

Ni/c-C and c-C/vacuum. For a temperature of 700°C, the sum of the resulting energies, 

D��/�F��GH  and D�F�L , is significantly lower than the surface energy of nickel in the initial state 

(D��L ). Therefore, the decrease of the total interfacial energy (∆γ = -1.289 J/m²) is an essential 

component of the driving force for the layer exchange. Furthermore, in agreement to the com-

plete LE outwards, the a-C/SiO2 interface is replaced by the Ni/SiO2 interface, which further 

reduces the total energy (∆γ = -0.987 J/m²). As carbon can crystallize at the originally free Ni 

surface, the outward LE leads to the formation of a flat c-C/Ni interface.  

For inward LE, the total energy of the system is only reduced by the wetting of the Ni GBs 

by carbon and by the crystallization of a-C. The replacement of the Ni/SiO2 interface by the 

Ni/c-C and c-C/SiO2 interfaces (D��/�F��GH + D�F�/��M+
�GH − D��/��M+

�GH  = 2.714 J/m²) and the for-

mation of a Ni surface (D��L ) are connected with an increase of the total interfacial energy (see 

Table 4: Surface and interface energies at 700 °C in the Ni and C layer stacks calculated using 

the approach presented by Wang76 and Sommer77. The calculated values are given in J/m². 

Ni  a-C c-C SiO2 

DNO% = 2.31472  DNO/�−POQR = 0.68472-74 DNO/:−POQR = 0.99972,74,75 DNO/=OV2
OQR = 0.15872,76,77 

 D�−P% = −0.06473 no interface D�−P/=OV2
OQR = 1.14573,76,78 

  D:−P% = 0.02675 D:−P/=OV2
OQR = 1.87375,76,78 
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Tab. 5). The primary consequence of this energy balance is the experimentally observed lower 

LE degree in the inward direction than in the outward direction. In addition to the higher ener-

gy demand for the splitting of the initial Ni/SiO2 interface, the higher interface energies after 

inward LE contribute to the formation of corrugated c-C planes as seen by Raman spectrosco-

py and TEM. The expansion of the c-C layer due to the ordering further promotes the restruc-

turing of the Ni/c-C interface. Since the exposure of the Ni layer to vacuum would lead to an 

increase of the surface energy, the formation of the Ni surface is avoided and a thin a-C layer 

persists at the surface of the sample after inward LE (Fig. 5).  

 

 

While for outward LE a turbostratic carbon structure is formed by two-dimensional growth, 

a complex microstructure characterized by the coexistence of planar and curved graphenic 

Figure 9: Calculated surface D� and interface energies D�GHof the presented layer stacks and 

Ni GB energy as a function of temperature. 
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basal planes (Fig. 6d) and by the mutual penetration of c-C and Ni layer (Fig. 3d) is formed 

during inward LE. For nucleation and lateral growth, a higher amount of interface energy is 

necessary, compared to the outward LE (Fig. 9 and Tab. 4). Under the given conditions, two-

dimensional growth of turbostratic carbon at the former Ni/SiO2 surface is restricted, while the 

supply of C atoms is not affected. The crystallization starts inside the Ni GBs, as soon as the 

critical thickness for crystallization is reached, gradually restructuring the Ni/c-C interface70. 

Therefore, the two-dimensional growth of graphenic planes along the SiO2 substrate occurs 

concurrently with the three-dimensional growth inside the Ni GBs, similar to the MIC between 

a-Si and Ag27. In addition, the lateral and vertical expansion of the c-C layer encapsulated be-

tween Ni and the substrate lead to the folding of graphenic planes (Fig. 3 and 6). 

The temperature dependence of the surface and interface energies (Fig. 9) demonstrates the 

validity of the proposed mechanism in the investigated temperature range (500 – 700 °C). The 

dependences of the surface energies on temperature possess almost the same slopes for Ni, c-C 

and a-C, thus the contribution of these species to the energy balance is mutually temperature-

independent. The energies of the Ni/SiO2 and Ni/a-C interfaces increase slightly with increas-

ing temperature, while the Ni/c-C interface energy slightly decreases. However, these changes 

do not change the relationships explained in detail for 700 °C. The negative interface energy 

between Ni and the substrate below roughly 450 °C is in good agreement with the enhanced 

wetting of the substrate by the Ni layer at low deposition temperatures and the formation of Ni 

drops during the sputtering at elevated temperatures79. 

5. Conclusions 

This study has quantified general and directional features of the Ni-catalysed layer exchange 

and metal-induced crystallization in a-C/Ni, Ni/a-C and Ni/a-C/Ni thin film stacks grown on 

fused silica and thermally oxidized Si. The common driving forces in both LE directions were 

the crystallization of a-C and the wetting of Ni grain boundaries by carbon. During outward 

LE, an almost complete LE (αLE ≈ 93 %) occurred, additionally driven by the decrease of the 

total interfacial energy during the process. This layer exchange results in the formation of tur-

bostratic carbon throughout the entire C layer, whose basal planes are aligned parallel to the 



  
 

26

sample surface. For inward LE, the less favourable interfacial energy contributions result in a 

lower αLE (≈ 83 %), in the restructuring of the Ni layer and in the competition of two- and 

three-dimensional growth. Moreover, the graphenic basal planes have a slightly smaller lateral 

extension after inward LE. 

The experimental findings were substantiated by thermodynamic considerations based on 

comparison of the surface and interfacial energies of the initial and final states. They have 

shown that the initial and final reaction states are decisive for the direction-dependent structur-

al quality of exchanged carbon and LE degree in the a-C/Ni thin film stacks. Moreover, the 

thermodynamic estimations have confirmed the crystallization in combination with the de-

crease of the interface energies as the main driving forces for the LE. 

The consistency of experimental results and thermodynamic estimations is very encourag-

ing, as it offers a possibility to design layer stacks with desired microstructure of turbostratic 

carbon after the layer exchange. 
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